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Using both computational and experimental analysis, we demonstrate a rich point-defect phase diagram in
doped strontium titanate as a function of thermodynamic variables such as oxygen partial pressure and electronic
chemical potential. Computational modeling of point-defect energetics demonstrates that a complex interplay
exists between dopants, thermodynamic parameters, and intrinsic defects in thin films of SrTiO3 (STO). We
synthesize STO thin films via pulsed laser deposition and explore this interplay between intrinsic defects,
doping, compensation, and carrier concentration. Our point-defect analysis (i) demonstrates that careful control
over growth conditions can result in the tunable presence of anion and cation vacancies, (ii) suggests that
compensation mechanisms will pose intrinsic limits on the dopability of perovskites, and (iii) provides a guide
for tailoring the properties of doped perovskite thin films.
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I. INTRODUCTION

The exceptional scope of properties exhibited by perovskite
(ABO3 ) oxides has catapulted these materials to the forefront
of recent research efforts.1–4 Thin films made from these materials exhibit multiferroicity,3,4 piezoelectricity,5 magnetism,6
colossal magnetoresistance,7 and ferroelectricity,8 as well
as conductivities that range from insulating to metallic to
superconducting.9 When distinct oxides are deposited in
succession on the same substrate, many of these properties
can be coupled across heteroepitaxial interfaces. This concept
underlies the fields of oxide-based electronics and spintronics,
with applications in ultralow-power and high-performance
switching, memories, and logic.4,8,10,11 Device-quality materials, however, require precise control of doping, impose severe
demands on film stoichiometry, and require stringent limits on
allowable concentrations of unwanted defects. Currently, the
(often uncontrolled) presence of defects influences and can
even dominate the properties of oxides.10,12–14 Particularly for
low-carrier-density systems, very small (e.g., 1 × 1018 cm−3 )
differences in defect densities have a striking impact on film
properties, particularly electrical properties.15–17
In this contribution, we explore the equilibrium thermodynamics of point defects in SrTiO3 (STO) as a function
of thermodynamic variables such as oxygen partial pressure
and electron chemical potential (Fermi energy). We use
density functional theory (DFT) to predict the defect phase
diagram for STO and develop a comprehensive point-defect
analysis that accounts for the varied defect possibilities in
STO. To complement the theoretical predictions, we analyze the stoichiometry of STO thin films grown by pulsed
laser deposition (PLD) and show that at extreme thermodynamic conditions, experimental observations are in line with
the theoretical predictions. Typically, PLD-grown films are
1098-0121/2012/85(19)/195460(9)

analyzed for defects and nonstoichiometry as a function of
laser fluence. In this analysis, we highlight the importance
of other thermodynamic variables by fixing the laser fluence.
This analysis elucidates the crucial role of growth conditions
in the types and concentrations of defects that are present and
their interplay. It (i) demonstrates that the defect profile in
these thin films exhibits a large sensitivity to the prevailing
growth conditions, (ii) confirms recent experimental evidence
that both anion and cation vacancies are present in PLDgrown perovskite oxide films,17,18 (iii) suggests that operative
compensation mechanisms pose intrinsic limits to dopability
in oxides, and (iv) indicates that careful control over the
growth conditions may enable tuning of film composition,
defect distribution, and resulting properties such as optical
emission,19 thereby enabling the realization of functional
components such as transparent conducting oxides.20
Vacancies and their complexes are the dominant point
defects in most perovskites, and their presence influences
electron mobility,15 electrical conductivity,16 and physical
properties such as defect-induced ferroelectricity in STO13,14
and defect-driven changes to the thermal conductivity.21
Perovskite oxide films are often grown by PLD due to its
ability to retain stoichiometric cationic transfer when the
material is ablated with a laser fluence above the threshold
for the material. Recent careful studies on the growth of STO
thin films16,18 have suggested that in STO only a narrow
laser fluence range can provide stoichiometric transfer. The
defect distribution in thin films realized with high-energy
techniques such as PLD are likely dominated by kinetic
effects and possible stoichiometric deviations at fractions
of a percent. In contrast, low-energy techniques such as
molecular beam epitaxy (MBE) may yield compositions
closer to stoichiometric and/or defect distributions that are
more closely governed by thermodynamics.22,23 For example,
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recently, controlled doping and carrier mobilities as high
as 30 000 cm2 V−1 s−1 (exceeding those of single crystals)
have been demonstrated for epitaxial heterostructures of STO
realized by MBE.15 Furthermore, the suppression of cation
vacancies has been demonstrated to be consistent with the
realization of high doping efficiencies and high mobilities in
MBE-grown La-doped STO thin films.24 It is worth noting that
the doping control required to achieve such high mobility is
close to a few parts per million (ppm).
We choose doped STO as our model perovskite oxide
because it exhibits a large range of measured properties from
insulating to superconducting,9 and because impurity doping
of this system has been extensively characterized. STO is
largely susceptible to donor doping by cation substitution
and via the presence of oxygen vacancies. For example,
lanthanum (La), as a substitutional species at the Sr site,
is well understood to be an electron donor;25,26 under carefully controlled growth conditions, a clear correspondence is
established in which one conduction electron is created per
La substitution.15 In STO, the existence of oxygen vacancies
(VO ) has long been documented in the literature as well; they
are known electron donors25,26 that are typically believed to
exist in most heterostructures.27 VO are also associated with
clustering,28 blue light emission,19 and superconductivity,29
and have been implicated in the high conductivities at
the STO/LaAlO3 interface.30 Understanding the interplay
between these vacancies, doping, and other intrinsic defects
is critical as high-quality heterostructures with STO are
currently avidly pursued for thermoelectric applications,31
defect-13,14 or strain-induced32 –ferroelectricity, electric field–
induced superconductivity,33 and two-dimensional interface
conductivity.34 However, to truly understand this system, a
key question is whether the observed phenomena arise either
intrinsically or from specious effects due to unknown and
undesired defect distributions.
II. COMPUTATION

To determine the types of intrinsic defects—vacancies and
their complexes—that are energetically favorable in STO, we
first systematically determine defect formation energies for
a variety of candidate defects. We expect this comprehensive understanding of stoichiometry and point defects will
be most useful for analyzing the properties of thin films
synthesized under equilibrium processes. However, although
the defect distributions that are present in thin films grown
by nonequilibrium techniques are likely governed by kinetic
effects, knowledge of defect formation energies as predicted
by thermodynamic considerations may still be qualitatively
useful even for PLD-grown thin films. A number of previous
calculations of defect formation energies in STO have been
reported previously (for example, Refs. 26,28,35 and 36);
here we present a comprehensive and systematic study for
a variety of defects and defect complexes under a wide range
of environmental conditions.
A. Density functional theory

We perform calculations based on DFT to determine the
formation energies for a variety of native defects, including

TABLE I. Comparison of DFT-computed and experimental bulk
formation energies of SrO, TiO, TiO2 , and STO (eV/formula unit).
The formation energies of SrO, TiO, and TiO2 are given with respect
to bulk Sr, bulk Ti, and O2 molecules; the formation energy of STO
is given with respect to SrO and TiO2 . The corrected energy for the
O2 molecule is used.43
Formation energy
SrO (rocksalt)
TiO (rocksalt)
TiO2 (rutile)
STO (cubic)

DFT-PBE

Expt.

− 5.93
− 5.05
− 10.00
− 1.21

− 6.14 (Ref. 41)
− 5.62 (Ref. 41)
− 9.73 (Ref. 41)
− 1.4 (Ref. 42)

isolated Sr, Ti, and O vacancies (VSr , VTi , VO ), Schottky
defects (VSrO ), O divacancies (VOO ),28 and complexes of
Schottky defects and O vacancies (VSrOO,a and VSrOO,b ; see
Ref. 35). In our calculations, we employ a plane-wave DFT
framework using the QUANTUM ESPRESSO package37 and
simulate point defects in a 4 × 4 × 4 supercell containing 320
atoms and k points sampled via a 2 × 2 × 2 Monkhorst-Pack
scheme.
Core electrons are modeled via ultrasoft pseudopotentials,38
and semicore electrons are included for both Sr and Ti.
Total energies are calculated using a generalized gradient
approximation (GGA) to the exchange correlation functional
according to the Perdew-Burke-Ernzerhoff (PBE) scheme39
and a plane-wave kinetic energy cutoff of 30 Ry. For bulk STO,
under these parameters DFT-PBE predicts a lattice constant
of 3.94 Å (experimental: 3.91 Å), an indirect band gap of
1.82 eV (experimental: 3.25 eV), and a good description of
the cohesive energy (see Table I). For supercells containing
defects, the atomic coordinates are internally relaxed until the
Hellmann-Feynman force acting on each atom is less than
3 meV/Å.
To explore charged defects, electrons are either added to
or removed from the supercell containing the defect in the
calculation. Since the total energy of a charged supercell with
periodic boundary conditions diverges, a compensating jellium
background charge is automatically incorporated to render
the total energy convergent. Since computed total energies
are given with respect to the average electrostatic potential,
a potential alignment technique (described below) is used
to enable direct comparison of energies for supercells with
different charge states.
B. Thermodynamic framework

We compute the defect-formation energies ED,q as

ED,q = (ED,q − Eperf ) −
ni μi + q(EV + EF ), (1)
i

where ED,q is the (DFT-computed) total energy of the supercell
containing a defect D in the charge state q, Eperf is the (DFTcomputed) total energy of the perfect supercell, and ni is the
number of atoms of species i added to (ni > 0) or removed
from (ni < 0) the supercell to create the defect.40 Different
growth conditions are accommodated by the set of chemical
potentials μi = μbulk
+ μi for each element by assuming
i
that each is in equilibrium with a physical reservoir such as
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FIG. 1. (Color online) Chemical potential phase space: each point
in the triangle satisfies μSr + μTi + 3μO = μSTO . In the white
region, STO is stable; in the shaded regions, formation of different
phases (indicated) is favorable.

a gas or a bulk phase. EV is the energy of the valence band
maximum, and EF is the Fermi energy referenced to EV so
that 0  EF  Eg where Eg is the band gap.
At equilibrium, the atomic chemical potentials satisfy
μSr + μTi + 3μO = μSTO . As both temperature T and
PO2 are controlled during growth, μO is fixed as



 1

 1
PO2
,
μO T ,PO2 = μoO2 T ,POo2 + kB T ln
2
2
POo2

(2)

where kB is the Boltzmann constant and μoO2 (T ,POo2 = 1 atm) is
the free energy of molecular oxygen. We confine our analysis
to the part of the chemical potential phase space in which
STO is stable, and the precipitation of bulk Sr and Ti is not:
μSr < 0, μTi < 0 (large triangle in Fig. 1). We further
restrict our analysis near or within regions where the formation
of compounds SrO, TiO, and TiO2 is not favorable, also
indicated in Fig. 1. This amounts to the constraints μO +
μSr  μSrO , etc. The DFT-computed phase boundaries are
in good agreement with those from experiment; see Table
I. In our subsequent analysis, we consider three paths λi ,
i = 1,2,3, through phase space in Fig. 1, each parametrized
by μO . The path λ1 corresponds to nominally “normal”
Sr/Ti stoichiometry, while λ2 and λ3 correspond to Sr-poor
and Ti-poor growth, respectively. Along each individual path
λi , μO is varied to consider the full range of oxygen-poor
(μO = μmin
O ) to oxygen-rich (μO = 0) growth.
C. Postprocessing modifications of DFT results

For improved accuracy, we address the deficiencies of
DFT and the use of finite-sized supercells via a systematic
application of postprocessing modifications to the computed
quantities in Eq. (1). These modifications include (i) a scissors
shift of conduction band states, including shifting defect
levels for all shallow donors, to the experimental band gap
for STO, (ii) a shift of the deep Kohn-Sham levels found
in VOO and VSrOO,b according to GGA + U calculations,
(iii) the elimination of Moss-Burnstein band-filling effects
arising from the use of finite-sized supercells, (iv) the
alignment of background potential for charged supercells, and

(v) an estimate of the screened interaction energy of charged
supercells.
Scissors operator for band-gap corrections. Band-gap
corrections are estimated by applying a scissors operator to the
conduction bands to open the gap from the DFT-PBE value of
expt
EgPBE = 1.82 eV to the experimental value of Eg = 3.25 eV;
total energies [ED,q in Eq. (1)] of supercells containing
occupied shallow donor states are accordingly adjusted. This
applies to the oxygen vacancy VO and the vacancy complexes
VOO , VSrOO,a , and VSrOO,b .
Shifting deep defect levels with respect to band edges. In
agreement with Ref. 28, we find that the application of a
Hubbard U of 5.0 eV to improve the description of the onsite
Coulomb interaction of the Ti 3d orbitals results in the opening
of the gap to EgPBE+U = 2.45 eV. We also find that, relative to
their position in PBE, within PBE + U the deep Kohn-Sham
defect levels for VOO and VSrOO,b are shifted down from
the conduction band edge by an additional Esh = −0.71
and −0.62 eV, respectively. Therefore, we adjust these defect
supercell energies ED,q by
 expt

Eg − EgPBE
EKS = mEsh
,
(3)
EgPBE+U − EgPBE
where m denotes the occupancy of the deep Kohn-Sham defect
level.
Moss-Burnstein band-filling correction. Supercell calculations model systems at very high defect concentrations,
whereas physically one is usually interested in the dilute defect
limit. The high defect concentrations simulated exhibit MossBurnstein band-filling effects,44,45 in which spurious defectdefect interactions result in band distortion. The unphysical
band-filling effects are eliminated in the manner described
in Ref. 46 for all shallow vacancies and vacancy complexes
considered. We note that for the 4 × 4 × 4 supercell considered here, the band-filling effects are quite small (generally
<0.1 eV).
Alignment of valence band maxima for charged supercells.
The total energies of supercells computed by DFT calculations
within the pseudopotential momentum-space formalism47 are
given with respect to the average total electrostatic potential
within the supercell. Particularly for the case of charged
supercell calculations, it is necessary to ensure that the average
electrostatic potentials are aligned for the pure (neutral) host
and the charged defect system so that total energies can be
consistently compared. Thus, a potential alignment term is
added to the defect formation energy in Eq. (1), as described
in Ref. 46:

 r
(4)
− VHr ,
EPA (D,q) = q VD,q
where the reference potentials V r within the host H and the
charged defect (D,q) supercells are determined by averaging
the electrostatic potentials in spheres around atomic sites
located far from the defect.
Finite size extrapolation for charged defect-defect interactions. Finally, for charged supercells, the screened interaction
energy of the periodically arranged charged defect and the
compensating background is estimated by the extrapolation
approach described in Refs. 48–50. This approach estimates
the charged defect-defect interaction energy arising from
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supercells, and the approximations introduced by the postprocessing modifications make it nearly impossible to determine
quantitatively accurate defect formation energies. To the extent
possible, we have invoked estimates of corrections to band-gap
and finite size effect errors in a systematic and consistent
manner; overall, we find that for most reasonable choices
of postprocessing corrections, qualitatively our results remain
unchanged and our conclusions and results remain unaltered.
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Defect formation energies computed at three points corresponding to low, middle, and high μO on path λ1 (of
Fig. 1) are shown in Fig. 3. These are plotted as a function
of the Fermi energy EF , which would be in the middle of the
gap for intrinsic, stoichiometric STO, and is higher (lower)
for n-type (p-type) STO. In Fig. 3, we assume that EF is
an independent (externally controlled) parameter whose value
can be fixed via, e.g., the incorporation of impurity dopants
such as lanthanum. For μO = μmin
O (Fig. 3, left), the most
favorable defects are, not unexpectedly, VO and VOO in various
charge states. Ionized VSr and VTi only become competitive at
high EF , serving as compensating acceptors. By contrast, for
the highest μO = 0 (Fig. 3, right), the most favorable defects
are VSr and VTi . VO only become favorable at low EF , serving
here as compensating donors. For midranged μO = λ1min /2
(Fig. 3, middle), as EF increases, the lowest energy defect
shifts from V+2
O , the oxygen vacancy in the plus 2 ionized state,
−2
to V−2
.
At
the
midranged values of EF , both V+2
Sr
O and VSr
are present and may bind together to form the electronically
neutral Schottky defect VSrO . Overall, we note two trends from
Fig. 3. First, as μO increases, the minimum energy defects
shift from (VO , VOO ) to (VSr , VTi ), as oxygen vacancies are less
favorable (and cation vacancies more favorable) in oxygen-rich
environments. Second, as EF increases from the valence to the
conduction band edge, the minimum energy defect shifts from
(VO , VOO ) to (VSr , VTi ) as the formation of compensating
defects becomes more favorable. According to this analysis,
compensation mechanisms provide an inherent limitation to

(supercell length)-1 (bohr-1)
FIG. 2. (Color online) Finite size extrapolation to estimate the
energy of charged defect-defect interactions for the singly charged
oxygen vacancy V+1
O . The line is the fit to the data based on Eq. (3).

the use of supercells with periodic boundary conditions to
O(L−5 ). Figure 2 illustrates the extrapolation for the singly
charged oxygen vacancy V+1
O for supercells of size n × n × n,
n = 2,3,4,5. The curved line shows the fit
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in which L3 denotes the volume of the supercell and A,B are
the parameters. To construct this curve, we have used unrelaxed
defect geometries and have eliminated the Moss-Burnstein
band-filling effects described in the paragraph above. We
have found, as suggested by Ref. 51, that the MakovPayne52 approximation greatly overestimates the charged
defect interaction energy, and that finite size extrapolation is a
better approach to estimating this correction. For this system,
enhanced screening (thanks to the large dielectric constant of
STO) results in relatively small charged defect interactions,
and convergence to energies within 0.2 eV is achieved for
supercells of size 4 × 4 × 4 and larger.
Before concluding this section, we note that the uncertainties created by band-gap problems, the use of finite-sized
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FIG. 3. (Color online) Defect formation energy as a function of the Fermi energy EF for vacancies and vacancy complexes in STO. Defect
formation energies are shown at three points along the path λ1 in Fig. 1. μo = λ1min ,λ1min /2,0 corresponds to low, midranged, and high oxygen
pressures, respectively. The circles correspond to defect transition levels. Two trends are evident. As the oxygen pressure increases, the most
favorable defect changes from oxygen vacancies/vacancy complexes to strontium/titanium vacancies. As the Fermi level increases, the most
favorable defect changes from oxygen vacancies/vacancy complexes (compensating donors) to strontium/titanium vacancies (compensating
acceptors).
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thermodynamic conditions, as a function of chemical potential λ = μO and Fermi energy EF . The La concentration is estimated from
the charge neutrality constraint and the mass-action law.

the dopability of SrTiO3 (similar to, e.g., the amphoteric defect
model).53
E. Point-defect phase diagrams

Using the formalism developed here, we now assess the
effect of Sr-poor and Ti-poor growth conditions on the defect
distributions. PLD is one of the versatile thin-film growth
processes with a complex interplay of parameters determining
the growth of the thin-film material. Laser fluence is a common
nonequilibrium growth parameter which can be used to tailor
the film growth. For example, recent experiments indicate that
nonstoichiometric transfer from ceramic targets to films in the
PLD process, induced by preferential ablation from the target,
can affect Sr/Ti stoichiometry.16,17 Furthermore, positron
lifetime measurements indicate that the Sr/Ti stoichiometry
can be controlled by laser fluence.17 Meanwhile, our interest
is to explore the role of parameters such as oxygen partial
pressure and chemical potential (doping level). In Fig. 4, we
present point-defect phase diagrams, in which the dominant
(lowest-formation-energy) defect is indicated as a function of
μO and EF for the three paths λ1 , λ2 , and λ3 in Fig. 1.
In this figure, the La-dopant concentrations are calculated
self-consistently using the charge-neutrality constraint and the
mass-action law. In the left panel of Fig. 4 (path λ1 , nominally
normal Sr/Ti stoichiometry), the dominant defects are shown
−2
−4
to be V+2
O , VSr , and VTi . The two trends discussed above
are evident in this panel: the defect distribution shifts from
anion to cation vacancies with increasing μO and increasing
EF . Note how reduced the effect of doping with 15% La
is due to the low formation energy of compensating VSr . In
the middle panel of Fig. 4, the dominant defect is shown
for the case of Sr-poor growth, corresponding to path λ2
of Fig. 1. The two trends persist; however, the regime for
which VSr and VSrO are dominant is expanded. This growth
regime would be particularly unfavorable for La doping, as
compensating VSr renders it very difficult to introduce free
electrons. For the Ti-poor growth regime of path λ3 (Fig. 4,
right), the VTi regime grows at the expense of VSr and VSrO ,
and the capacity for external doping to create free electrons
is recovered due to the overall higher formation energy of

the prevailing compensating species VTi . If indeed the Sr/Ti
ratio can be controlled by laser fluence,17 the three panels of
Fig. 4 suggest a reason for the seemingly contradictory reports
of vacancy defect characteristics that have been reported for
PLD growth in terms of a high sensitivity of the defect
distribution to the growth conditions. Our analysis suggests
that target growth windows, in terms of Sr/Ti stoichiometry,
can maximize the effects of extrinsic doping, illustrating how
controlled use of laser fluence, oxygen pressure, and dopant
concentration may offer routes to more controlled defect
compositions and film properties in PLD-grown systems.

III. EXPERIMENTS AND DISCUSSION

The phase diagrams presented in Fig. 4 indicate that
careful control over thermodynamic parameters may result
in tunability of defect profiles. To explore the applicability
of the point-defect analysis to real STO thin films, we
synthesize and characterize a number of STO thin films via
PLD as described below. Strictly (as discussed above), the
applicability of the thermodynamic framework is best suited
for thin films grown under near-equilibrium conditions and a
quantitative comparison is not expected. However, we wish
to assess whether thermodynamic variables such as oxygen
partial pressure and electron chemical potential affect the
stoichiometry of films grown via high-energy techniques such
as PLD, and whether this effect can be qualitatively explained
using the thermodynamic framework developed above.
Thin films of doped STO were grown using pulsed laser
deposition. These films were grown using a KrF excimer laser
with a laser fluence of 1.5 J cm−2 over a range of growth
pressures (in oxygen partial pressure PO2 ) from 100 mTorr to
10−8 Torr. To minimize the possibility that nonstoichiometry
could arise from different ablation conditions, we grew all the
samples with the same fluence and spot area, and we have used
the same laser fluence as in Ref. 21, which we believe to be
optimal for stoichiometric transfer. The growth temperature
as measured by the thermocouple attached to the substrate
heater was set at 850 ◦ C. The oxygen partial pressure during
the growth was varied between 1 × 10−1 and 1 × 10−8 Torr,
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FIG. 5. (Color online) Carrier density, obtained from Hall effect
measurements, of PLD-grown STO films vs La content for growth
at different oxygen partial pressures. Dashed line: carrier density
predicted by La concentration in otherwise stoichiometric films.
Measured carrier concentrations exhibit a large sensitivity to the
oxygen partial pressure.

and targets with La doping of 0%, 2%, 5%, 10%, and 15%
in STO were used to control the amount of La doping. Xray diffraction measurements for our samples demonstrate the
high crystallinity of the films used in our investigation. We do
not observe Ruddlesden-Popper-type defects in our systems,
which we believe is because our choices of growth parameters
do not correspond to Sr-rich growth regimes.
Carrier concentrations in the as-grown films are obtained
via Hall effect measurements. Figure 5 shows the measured
electron carrier concentration as a function of the La content of
the ceramic targets for growth under different oxygen pressures
PO2 . In Fig. 5, the measured carrier concentrations show a
large dependence on PO2 , demonstrating that thermodynamic
parameters influence the properties of PLD-grown thin films.
The measured carrier concentrations are generally lower than
expected from the La doping alone if the thin films were
otherwise stoichiometric (indicated by the dotted line). This
observation is consistent with the presence of compensating
species such as VSr and VTi predicted by the point-defect
analysis. Furthermore, the measured carrier concentrations
parallel the trends we identified in Figs. 3 and 4. For instance,
we note that for a fixed La concentration, the measured
carrier concentration in Fig. 5 (and thus EF ) decreases as
PO2 increases. This trend can also been seen in the phase
diagrams of Fig. 4, in which the lower defect formation
energies of the compensating cation vacancies at high PO2
serve to reduce the measured carrier concentrations at fixed
La doping. By contrast, at low PO2 the measured carrier
concentrations are higher, because the defect profile shifts
toward oxygen vacancies and renders the formation of the
compensating cation vacancies more difficult.
We note that experimentally accessible values of T and
PO2 correspond to −2 < μO < 0 eV according to data in
Ref. 41; this corresponds roughly to the second and third panels
of Fig. 3. In this regime, when STO is doped with donors
such as La, cation vacancies exhibit the lowest formation
energies. It is interesting that in most PLD-grown STO,
the existence of VO has been long documented whereas

the cation vacancies VSr and VTi have traditionally received
less attention. However, their relevance has also recently
become more appreciated: they have been implicated in defectinduced ferroelectricity13,14 as well as the suppression of donor
doping in STO.16 Signatures of their existence have recently
been observed in PLD-grown homoepitaxial STO layers via
positron annihilation lifetime spectroscopy measurements,17
and the lattice constant expansion that is often observed in
PLD-grown films and attributed to VO was shown to also be
consistent with cation vacancies.16 Our analysis suggests that
the presence of VO arises mainly from the kinetic inhibition of
oxygen incorporation into the growing thin film (as they are
not favored by their equilibrium formation energies), resulting
in locally much lower μO than the experimentally accessible
range. Hence, the point-defect analysis is consistent with the
presence of both cation and anion vacancies and suggests
that their relative concentrations can be tuned by PO2 and/or
degree of external doping as suggested in Figs. 3 and 5. We
also comment on VOO , because oxygen vacancy clustering is
often implicated in the blue light emission observed in STO:28
according to our analysis and in contrast to the findings of
Ref. 28, when charged defects are considered, we find that
clustering of VO is not particularly favorable, a result of the
electrostatic repulsion arising from the fact that VO tend to be
charged.
To further explore whether the sensitivity of the carrier
concentration to PO2 during growth observed in Fig. 5 can
be attributed to stoichiometric variations, we perform timeof-flight ion scattering and recoil spectroscopy (TOF-ISARS)
measurements54,55 on our samples. In these measurements [see
inset in Fig. 6(a)], a primary ion beam of 39 K ions with a
kinetic energy of 10 keV is directed at the sample. An Ionwerks
(Houston, USA) mass spectrometry of recoiled ions (MSRI)
reflectron detector was used to detect the recoiled species.
The MSRI detector was fixed at a 60◦ angle to the incident
ion beam. The angles of incidence used at the sample are
15◦ and 30◦ (for the 30◦ case, the shadowing regions and
blocking cones are directed more downward, which is expected
to give a better representation of the subsurface film layers).
Figure 6 plots the relative intensities for various atomic species
registered by the MSRI detector, normalized to the primary
ion signal, and plotted as a function of the azimuthal angle δ
(denoting the orientation of the film surface with respect to the
incident beam). The minima and maxima in the spectra reflect
the crystalline directions where different species are blocking
each other or presenting a free path, respectively.
Data are shown for both pure and La-doped STO grown
under high and low PO2 . Figure 6(a) shows the TOF relative
intensity for Sr and La recoiled from La-doped STO films
grown at both low and high PO2 . While the La signal is similar
for the two growth pressures, a clear difference is observed in
the Sr signal. Consistent with our Hall measurements, the Sr
intensity is higher at low PO2 , suggesting that growth at low PO2
results in the incorporation of more Sr into the films. This is
also consistent with our point-defect analysis, which suggests a
shift from VSr to VO as the oxygen partial pressure decreases to
further inhibit the formation of carrier-compensating defects.
Thus, even under high-energy (nonequilibrium) growth conditions, it appears that thermodynamic quantities such as growth
pressure and defect formation energies exhibit an influence
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FIG. 6. (Color online) Time-of-flight ion scattering and recoil spectroscopy measurements on pure and La-doped STO thin films indicate
Sr deficiency (or O excess) when films are synthesized at high PO2 . (a) Counts registered by the MSRI detector, normalized to the scattered
potassium signal, for La-doped STO grown at high and low PO2 . Although the La signal is similar for both cases, the Sr signal is notably lower
for films synthesized at high PO2 . (The experimental setup is shown in the inset.) (b) and (c) Counts registered by the MSRI detector, normalized
to the scattered potassium signal, for pure STO grown at high and low PO2 for beam incident at 15◦ and 30◦ incident angles, respectively.
Again, while Ti count is similar for high and low PO2 , Sr count is smaller at high PO2 and larger at low PO2 .

on the defect characteristics of the films. In Figs. 6(b) and
6(c), TOF results are shown for pure STO for incident angles
of 15◦ and 30◦ , respectively. Again, the difference in the Sr
signals for growth at high and low PO2 is clearly observable
[particularly near the peaks in Fig. 6(c)]. These results indicate
that, even in undoped STO, systems grown at low PO2 are
more Sr rich than those grown at high PO2 ; this is consistent
with the point-defect model and the carrier concentration
measurements, which predict a shift from anion to cation
vacancies as PO2 increases. Although the result of variable
cation stoichiometry with PO2 may be surprising, similar
observations have been previously reported. For example, our
observation is in excellent agreement with investigations on
the electrical conductivity as a function of oxygen pressure on
thin films and crystals of STO56 and with the demonstration
of the use of PO2 for controlled cation stoichiometry in STO
thin films.57
Finally, we give an example of the application of our
analysis to the recent demonstration of transparent conducting
oxides (TCOs) made from double-doped STO.20 The unusual
combination of electronic and optical properties that are
necessary for a material to conduct electrons while remaining
transparent to visible light is most often related to the presence
of shallow donor states close to the conduction band. For
instance, in indium tin oxide (ITO), both doping with tin
and VO provide shallow donor states from which electrons
are thermalized at room temperature into the conduction
bands. Our analysis suggests that VO are responsible for the

shallow donor states that give rise to conduction in STO
(as with ITO). Based on Figs. 3 and 4, transition levels
for VO appear close to the conduction band edge (green
circles in Fig. 3). Furthermore, in undoped STO, the number
of oxygen vacancies are roughly offset by the number of
strontium vacancies (for instance, in Fig. 4, left panel), and
the oxygen defect levels are thus mostly empty. However,
incorporation of the appropriate quantities of La dopants
through nonequilibrium doping, especially in growth regimes
when compensation mechanisms are unfavorable, may provide
avenues to control the filling of these defect levels as necessary
to achieve a TCO, as indicated in Ref. 20.
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